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Abstract

In the present work, the large deformation behavior of high aspect ratio flexible nanofiber reinforced polymer composites is investigated.
Simple or successive tensile tests are performed at room temperature, i.e. in the rubbery state. By studying two different types of fibers, namely
cellulose nanofibrils and carbon nanotubes, with two processing routes, the role of entanglements and of interactions existing between fibers—
within the nanofiber network that can be formed in the material—on the composite properties is highlighted. For cellulosic nanofillers, strong
hydrogen bonds between fibers lead to a spectacular reinforcement effect combined with a decrease of the composite ultimate strain and an
irreversible damage of composite properties after first deformation (rigid network). When such strong interactions between fillers are limited (soft
entangled network or simple contacts between non-entangled fibers) the resulted reinforcement is less important and no decrease of the
deformation at break is observed. For carbon nanotube fillers, the evolution of the filler network during tensile test is finally highlighted by in situ

electrical measurements.
© 2006 Elsevier Ltd. All rights reserved.
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1. Introduction

Nanocomposite materials are made up of nanometric
particles (nanofillers) dispersed in a polymer matrix. In the
particular case of soft polymer matrix/stiff nanofillers systems,
the mechanical reinforcement effect of these nanofillers were
highlighted. Various parameters seem to be of importance in
characterizing the fillers: geometrical factors such as the shape,
the size, and the aspect ratio; intrinsic mechanical character-
istics such as the modulus or the flexibility; surface properties
such as specific surface area and surface treatment [1].

In the case of high aspect ratio fibrous nanofillers,
previous experimental and theoretical studies have essentially
focused on rod-like nanofibers (cf: the work of Favier et al.
and Hajji et al. on cellulose whiskers as fillers in a polymer
matrix [2,3]). Nevertheless, very high aspect ratio nanofibers
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display good flexibility properties. Dispersed in polymer
matrices, they will thus create a complex entangled
microstructure. The influence of the entanglement rate, the
tortuosity of the fillers, their intrinsic properties and the
filler—filler interactions on the composite macroscopical
properties is not completely understood yet. The need for
experimental study and theoretical modeling of model
systems have motivated the present work.

In order to understand the effect of interactions between
nanofibers, two different types of flexible nanofibers were used:
cellulose nanofibrils and carbon nanotubes. Moreover, by using
two different processing conditions, entanglements and
contacts between nanofibers could be modified.

The cellulose is a semi-crystalline biopolymer (with a
relative density of 1.58 gcm™3), naturally synthesized as
nanofibrils, which constitutes the rigid skeleton of numerous
species such as plants, some alga or mushrooms and amoebae
[4-6]. Eichhorn and Young [7] have measured by in situ
Raman spectroscopy a value of 25 GPa for the longitudinal
Young’s modulus of cellulose fibrils. Despite their interesting
mechanical properties and the progress made for their
extraction and their individualization from natural materials
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[8], cellulose nanofibrils were, up to now, poorly studied as
fillers in polymer matrices [9].

Concerning carbon nanotubes, papers related to their use in
nanocomposite materials are more and more numerous since
their discovery by Ijima in 1991 [10]. Even if experimental
studies [11-13] and theoretical modeling [14-16] have
demonstrated high Young’s modulus (of the order of
magnitude of 1 TPa) and stiffness of carbon nanotubes, their
real efficiency as a means to increase the mechanical
reinforcement in polymer matrices is still an open question
as suggested by the diversity of the results found in the
literature [17-21]. In addition to their outstanding mechanical
properties, carbon nanotubes are good electrical conductive
objects [22]. Dispersed in an insulating matrix, they allow the
material to be conductive above a certain nanotube content,
called the electrical percolation threshold; but, here again,
results in the literature are very scattered [23-26].

Nanocomposites with an amorphous thermoplastic matrix
reinforced by cellulose nanofibrils and multi-walled carbon
nanotubes (MWNTs) were recently synthesized [27]. Two
processing routes were used to elaborate nanocomposite
materials: an aqueous mixture of polymer latex and nanofiber
suspension was either evaporated or freeze-dried and pressed.
A dynamic mechanical analysis of these composites was
previously performed [27]. In the case of cellulose filled
nanocomposites, a large mechanical reinforcement effect was
measured. Moreover, a significant increase in materials flowing
temperature was observed. Indeed, composites filled with high
cellulose contents displayed a large rubbery plateau (at a high
modulus level) even for high temperatures where the matrix is
completely viscous. These effects were explained by the
formation of a rigid nanofibril network linked by hydrogen
bonds [2], which prevents the polymer flowing and leads to a
strong mechanical reinforcement. A mechanical percolation
model was successfully used to take into account the presence
of this rigid fiber network within the soft polymer matrix.
Conversely, when such bonds between cellulose fibrils were
prevented by the process, a lower mechanical reinforcement is
observed and can be modeled by a classical mean field
approach. On the other hand, both types of composites filled
with carbon nanotubes (where no strong interactions are
possible) highlighted the fact that entanglements are respon-
sible for a strong increase in thermo-mechanical stability but
do not influence the mechanical reinforcement. Thus, two main
effects were differentiated: the effect of fiber entanglements on
thermo-mechanical properties and the effect of the contact
strength on the mechanical reinforcement level.

In the particular case of carbon nanotubes (which are good
conductive objects [28]) filled materials, electrical properties
were also investigated. The processing conditions were found
to strongly influence the electrical efficiency of tube/tube
contacts. Indeed, when the composites are prepared by the
freeze-drying method, a lower conductivity level is measured,
compared to that of the composites made by evaporation.

To fully understand the influence of fiber entanglements and
fiber/fiber interactions on the filler network properties, more
informations are needed. In order to study the damage of this

fiber network in polymeric nanocomposites, large deformation
measurements at temperature above the polymer glass
transition temperature are now of interest.

Thus, the purpose of the present work is the mechanical
study of such nanocomposites in the non-linear domain.
Classical tensile tests are performed above the glass transition
temperature (T,) of these composites. The role of the damage
of a possible fiber network is discussed on successive tensile
tests. The existence of this network and its interaction with the
matrix are investigated by swelling experiments. For MWNTs
filled materials, the Ac electrical properties are measured
in situ during tensile test for different frequencies of the applied
electrical field.

2. Experimental
2.1. Materials

2.1.1. The nanofillers

Cellulose nanofibrils were obtained from sugar beet pulp at
the CERMAYV (Centre de Recherche sur les Macromolécules
Végétales, CNRS, B.P. 53, 38041 Grenoble Cedex, France).
The chemical treatment used is described by Dinand et al. [8].
This treatment allows to obtain a final aqueous suspension of
cellulose nanofibrils, which does not sediment or flocculate. A
TEM observation of these cellulosic fibrils is presented in
Fig. 1(a). Because of cellulose degradation under the electronic
beam, their TEM high magnification observations are really
difficult to obtain. Nevertheless, one can observe in Fig. 1(a)
that cellulose nanofibrils are arranged in bundles of 10-50 nm
width. Such a bundle structure of cellulose nanofibrils makes
impossible the estimation of the nanofibrils mean length by
TEM imaging at low magnification.

MWNTs were synthesized at EPFL from the catalytic
decomposition of acetylene at 720°C on supported
cobalt/iron catalyst as already described [29]. For purifi-
cation, raw MWNTs sample was sonicated in 30% HNO;
for 3h then filtered and washed with distilled water and
finally dried at 120 °C. As shown in Fig. 1(b), the purified
multi-walled carbon nanotubes used in this study are very
long (the nanotubes mean length was estimated on low
magnification TEM images to be around 10 pm), flexible
and entangled. Couteau and co-workers [29] previously
showed by EDX (energy dispersive X-ray) analysis that
with this purification process the Fe (K, 6.4eV and Kg
7.06eV) and Co (K, 6.93eV and Kz 7.65eV) peaks are
drastically reduced in the purified sample. This means that
the metallic catalysts are mainly removed by the purification
step. Image analysis made on several TEM pictures gives a
diameter distribution between 8 and 100 nm with a mean
value around 32 nm. Thus, the mean aspect ratio of these
carbon nanotubes can be estimated to be 240%£70.
The relative density of MWNTs can be estimated to
2gem ™ by taking into account the volume of graphite
(relative density 2.2 gcm™?) in a nanotube.

The purified nanotubes were dispersed in a distilled water
solution of 1.2gL~' sodium dodecylbenzene sulfonate
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Fig. 1. TEM observation of (a) cellulose nanofibrils extracted from sugar beet,
and (b) purified multi-walled carbon nanotubes.

(SDBS: C,3H,9SO3Na) surfactant using a sonication step for
5min with 20 mL suspension volumes, using a Branson
Sonifier with a 13 mm probe tip at 20 kHz and a power source
of 25 W. Several weight ratios of nanotubes to surfactant were
investigated for solution stability and an optimum ratio of five
(5:1) was chosen to obtain an aqueous suspension stable for at
least 3 weeks. The resulting nanotubes concentration in the
suspension is 5 g L™ ",

2.1.2. Composite processing

The latex was prepared by emulsion copolymerization of
styrene (35 wt%) and butyl acrylate (65 wt%) using a semi-
continuous feed process (LCPP, Laboratoire de Chimie et
Procédés de Polymérisation, UMR CNRS 140—CPE Lyon,
BP 2077, 69616 Villeurbanne Cedex, France). The
polymerization occurs in a miscellar aqueous solution of a
surfactant mixture: an anionic (C;,H,sO(CH,CH>0),SO3;Na)
and a non-ionic (C;,H,50(CH,CH,0),oH). A surfactant-
stabilized aqueous suspension of poly(styrene-co-butyl
acrylate), P(S-BuA)—with a relative density of
1.07 gcm ™ *—is obtained containing 43 wt% of spherical
polymer particles with an average diameter of 145410 nm

(determined by light scattering). The glass transition
temperature of P(S-BuA) was determined by differential
scanning calorimetry (heating rate of 10K min~') and
found to be 266 K.

The latex was first stirred with the stable aqueous
suspension of nanofillers. Two processing conditions were
then used to prepare the composites. The mixture was
either cast in an aluminum mold with a teflon coating and
put in a drying oven at 308 K under vacuum for 5 days.
The chosen temperature (about 40 K above the polymer
glass transition temperature) allows the water evaporation
and the film formation (i.e. polymer particles coalescence).
So-called evaporated films (or materials E) were obtained.
For the second route used to elaborate composites, the
mixture was first freeze—dried to allow water sublimation,
a compact soft powder was obtained. This powder was
then pressed at 373 K for 5 min under 1 MPa after 45 min
of thermal stabilization without pressure. This second type
of nanocomposite materials is referred as FP materials. In
both cases, the chosen parameters allow to obtain
homogeneous composite samples and transparent pure
P(S-BuA).

Samples reinforced with nanofillers contents of up to 6 vol%
for cellulosic nanofibrils or up to 3 vol% for MWNTs fillers,
were processed. Parallelepipedic samples (around 5X 15X
0.7 mm®) were cut for mechanical testing.

The good level of dispersion of nanofillers within the P(S-
BuA) matrix can be seen on Fig. 2 which shows an example of
TEM observations on thin composite microsections. Indeed, no
aggregate can be observed and both nanotubes and nanofibrils
seem to be homogeneously distributed within the matrix. It is
noteworthy that on a composite microsection, nano-fibers seem
to be shorter and less entangled than what they are really in the
corresponding macroscopic sample, because of the small
observed thickness.

2.2. Methods

The non-linear mechanical behavior was analyzed via
tensile tests. Measurements were performed on a MTS device
(MTS 1/ME). A thermo-regulated chamber allowed to work in
a temperature range from —70 to 300 °C. Constant cross head
speeds of 18 or 2.5 mm min~ ' were maintained, corresponding
to initial strain rates of 2X 1072 or 2.7X 1073 s_l, respect-
ively. True stress ¢ and true strain & were given by the
relationships:

L FL
e=In{—|ando = — (D
L SoLo

where L, was the initial sample length, L was the length during
the test and S, the initial sample section. The stress is
calculated with the assumption of volume conservation. For
high strain level, this assumption is questionable. Nevertheless,
the calculation with a constant sample cross-section (i.e. with
the assumption of the maximum increase of the sample volume
during stretching) gives the same evolution of the stress—strain
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Fig. 2. Low magnification TEM micrographs of microsections from a P(S-BuA) film filled with 4 vol% of cellulose nanofibrils E (A) or FP (B), and with 3 vol% of

MWNTs E (C) or FP (D).

curves, only shifted toward lower stress levels. Thus,
qualitative discussions concerning the effect of filler content
on mechanical behavior and on mechanical reinforcement are
not impacted by this assumption. For each testing conditions,
five samples were tested. In the following, the given results
represent average values of modulus or the more representative
tensile curves.

Swelling experiments were run in order to evaluate the
interactions between the fillers and the polymer matrix.
Toluene was chosen because it is a good solvent of both
polystyrene and poly(butyl acrylate). A parallelepipedic
shaped sample of weight m; (around 0.2 g) was immersed in
toluene for 2 days. Once swollen, the sample was extracted
(when possible), dried at 30 °C for 1 day and weighted (weight
my). The weight fraction G of residual gel in the composite
after swelling is then given by

my 1 1
G=—|[—=4+1)—— 2
m; (Q ) 0o @

where Q is the ratio of the polymer weight to the filler weight
for the composite sample.

In situ electrical conductivity measurements were carried
out during a tensile test, as already done for other conductive
nanocomposites [30]. Samples were coated at their ends with a
silver paint to ensure a good electrical contact. Electrodes and
samples were carefully isolated from the tensile machine.
Longitudinal Ac complex electrical conductivity measure-
ments were performed at ambient temperature for several

frequencies ranging from 10 to 1 MHz using a Solartron 1226
bridge with a low applied field of about 1Vcm™'. The
complex admittance Y* was recorded versus time. From this
admittance, the conductivity ¢ can be deduced following the
equation
ey L _ L

g. =Y WT = Y Vo 3)
with W, L and T the width, the length and the thickness of the
sample during the test, and V=L, X Ty X W, the sample
initial volume. The conductivity in place of the admittance was
chosen to be plotted in results presentation because it is an
intrinsic parameter that should remain constant without any
changes in the arrangement of the conductive component,
conversely to the admittance, which depends on the geometry
variation of the samples. Note however, that the Eq. (3) uses
the assumption of a constant volume of the sample during
stretching. This will be discussed below.

3. Results and discussion
3.1. Tensile tests

Monotonic tensile tests were performed on pure P(S-BuA)
and related composites with a cellulose nanofibril content up to
6vol%. The initial strain rate was 2X10"2s~ ! (which
corresponds to a crosshead speed of 18 mm min~'). The
tests were performed at room temperature, that is around 30 K
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Fig. 3. Tensile tests performed at room temperature with an initial strain rate of
2X 10725~ " on pure P(S-BuA) matrix and related cellulose filled composites
either E (black lines) or FP (gray lines). The cellulose contents are given in
volume percentage.

above T, and the resulting stress—strain curves are presented in
Fig. 3. The very last part of the curve (for true strain>2, i.e.
stretching > 650%) was found to be not reproducible for the
five different samples tested for each material. Indeed, some
samples present an increasing stress up to the maximum
crosshead displacement available with the apparatus, whereas
other samples from the same material can reach a maximum
stress and then display a decreasing stress. For such high strain
levels, the sample becomes extremely thin and it becomes
impossible to check the homogeneity of the deformation in the
sample. That is the reason why, the results are not discussed in
this range of strain and the curves in Fig. 3 are stopped at ¢ =2.

The unfilled P(S-BuA) exhibits the typical behavior of
amorphous thermoplastic above T, i.e. a rubber-like non-linear
elastic behavior, which is found independent on processing
conditions. For such an amorphous polymer without cross-
linking, no fracture is observed and the stress—strain curve
continues until the flow of the sample. In the case of
composites filled by 1.5 vol% of nanofibrils, the same kind
of rubber-like behavior as in the matrix is observed but with
higher stress level. Here again, this is independently on
processing conditions. On the other hand, E composites filled
with 3, 4 and 6 vol% of nanofibrils display a different behavior.
Indeed, the 4 and 6 vol% filled materials exhibit a pseudo-
plastic behavior with a slope change in their stress—strain
curve. These composites present a fracture point with an
ultimate strain quickly decreasing with the nanofibril content.
The 3 vol% filled materials have an intermediate behavior
between that of the rubber-like matrix and that of the pseudo-
plastic composites with higher cellulose contents.

The Young’s modulus values were analysed from the initial
slope of the tensile curves, as detailed in Fig. 4. For the E
systems, the Young’s modulus was found to non-linearly
increase with the nanofibril content; i.e. by about 150 times
when only 6 vol% of nanofibrils is used, and by only four times
when 1.5 vol% of nanofibrils is added. This discrepancy can be

(6% E) (4% E)

15

Stress (MPa)
=

0.5

(1-50/0 FP)

- . , Matrix

0 0.05 0.1 0.15 0.2 0.25
Strain

Fig. 4. Initial portion of the stress—strain curve of Fig. 3 obtained on pure P(S-
BuA) matrix and related cellulose filled composites either E (black lines) or FP
(gray lines). The cellulose contents are given in volume percentage.

explained by the presence of strong interactions, through
hydrogen bonds, between cellulose nanofibrils.

Previously [27], a simple isotropic calculation using the
Halpin-Tsai equation was made. Such a model is a mean field
approach for isotropic stiff straight fiber composites, which
assumes that the fibers have no interaction with their neighbors
[31]. Data taken from the literature for cellulose fibrils [32]
were used for the fiber parameters, i.e. a longitudinal modulus
E¢11 equal to 30 GPa and transversal moduli Ey, and Eg33 equal
to 15 GPa; and the fiber aspect ratio was set to 300 (even if high
resolution electron microscopy on cellulosic objects is
impossible, this aspect ratio value seems to be reasonable
regarding Fig. 1(a)). Then, the Young’s moduli calculated by
this mean field approach was found to be strongly lower than
the experimental ones obtained on E cellulose filled compo-
sites. Thus, this suggests that in E composites strong
interactions exist between nanofibers, and are responsible for
the measured high mechanical reinforcement. As already
observed by Favier et al. [2] and Hajji et al. [3] for
nanocomposites with the same matrix reinforced by cellulose
whiskers, cellulose nanofibers are organized in a rigid network
linked by hydrogen bonds when filler content is above the
percolation threshold. This percolation threshold was theoreti-
cally estimated to be 1 vol% for straight cellulose whiskers
with an aspect ratio of 100 [33]. Cellulose nanofibrils are
longer than cellulose whiskers and present a higher aspect ratio
and consequently, a lower percolation threshold. Therefore, all
the composites tested in the present paper have cellulose
content above the percolation threshold. The high Young’s
modulus and the lower ultimate strain of such composites is
governed mainly by nanofibril strong interactions, i.e. by the
rigid cellulose network formed within the soft matrix. The
slope change observed in the stress—strain curves for
composites containing 3, 4 or 6 vol% of nanofibrils is then
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related to the partial breakage of this network. Moreover, the
addition of nanofillers seems to be responsible for a damage of
the polymer matrix. Indeed, materials filled with high cellulose
content present a break point; the strain level at this point
decreases while the cellulose content increases.

Conversely, for high filler contents, FP composites exhibit a
different mechanical behavior compared to the E ones.
Previous works [2,27] have highlighted the fact that the
freeze—drying process prevents, or at least strongly limits, the
creation of strong hydrogen bonds between cellulose nanofi-
bers. Indeed, at the beginning of the process, nanofibers are
dispersed in a diluted suspension where they can be considered
isolated from each other. Then, during the slow evaporation,
because of Brownian motions in the suspension (whose
viscosity remains low, up to the end of the process when the
particle concentration becomes very high), the rearrangement
of the nanofibers is possible. The resulting structure (after the
coalescence of polymer particles) is completely relaxed and
direct contacts between the long and flexible nanofibers are
then created. Conversely, during the FP process, the particle
arrangement in the suspension is first frozen, and then, during
the hot-pressing, because of the melted polymer viscosity, the
nanofiber rearrangements are strongly limited. Thus, in this last
case, contacts are made through a certain amount of polymer
matrix. Consequently, except for 6 vol% of cellulose content,
the FP materials present in Fig. 3 a mechanical behavior similar
to that of the unfilled matrix but with higher stress levels. No
decrease of the material ultimate strain is observed and the
model previously described allowed to model the Young’s
modulus of these FP composites. This confirms that no rigid
cellulose network is created within the matrix, because of the
lack of strong interactions between cellulose nanofibrils. Note
that the 6 vol% cellulose filled FP composite constitutes a
particular case because of its mechanical behavior intermediate
between the most rigid 6 vol% E materials and the pure matrix.
Although the FP process limits the creation of hydrogen bonds,
some bonds may evenly be created during the process. For high
cellulose contents these some hydrogen bonds are numerous
enough to influence the overall composite mechanical
behavior.

Tensile test results of MWNTs filled materials are plotted in
Fig. 5 (here again, because of reproducibility problems, the
curves are stopped at ¢ =1.5). These results are comparable to
that previously described for FP cellulose filled composites.
Indeed, due to their surface chemistry, carbon nanotubes
cannot create strong links among each other. Thus, the same
rubber-like behavior as the matrix is obtained for composites,
with a mechanical reinforcement lower than for E cellulose
filled composites and which can be modeled by a Halpin—Tsai
type calculation. Moreover, no difference can be observed in
Fig. 5 between E and FP material for both nanotube contents.

Previous dynamic mechanical analysis (DMA) performed
on such MWNT reinforced materials [27] have shown a lower
flowing temperature for FP materials (380 vs. 430 K for E
materials). An assumption of a lower nanotube entanglement
rate resulting from the FP process was then made to explain this
difference. The presence of an entangled nanotube network (a

125
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= 3vol% MWNTSs - E
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n 5t
25}
e
0 o ! 1.5
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Fig. 5. Tensile tests at room temperature for carbon nanotubes filled P(S-BuA)
composites either E or FP, with an initial strain rate of 210725,

soft network, without strong links) in £ materials is responsible
for the composite elastic modulus in high temperature range
where the polymer matrix is viscous. During the FP process,
nanotubes do not have time to reorganize and to create
entanglements; they remain isolated from each other. However,
the mechanical reinforcement at room temperature was found
to be independent on these entanglements and to be only due to
stress transfer. The tensile behavior at room temperature also
appears independent on the process. At large deformation the
mechanical properties of the soft entangled nanotube network
are certainly negligible compared to the stress transfer resulting
from interactions between nanotube surface and the polymer
chains.

Fig. 6 displays tensile tests performed on 3 vol% MWNTs
filled composites E and FP at 373 K. For this high temperature,
E and FP composites do not show the same behavior. In this
range of temperature the P(S-BuA) matrix behaves as a viscous

0.1

0.08

0.06

Stress (MPa)

0.04

Strain

Fig. 6. Tensile tests performed with an initial strain rate of 2X 10~ % s~ ' at T=
373 K for P(S-BuA) composites filled with 3 vol% of MWNTSs either E () or
FP ().
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fluid. Nevertheless, composites still display an elastic response
for this temperature. As discussed previously, this observation,
which is in agreement with DMA data, can be explained by the
presence of an entangled nanotube network in E materials. In
FP ones, where the assumption of few nanotube entanglements
was made, tube/tube interactions may exist at the simple
contact between tubes (through the polymer or maybe the
surfactant) and can explain the existence of the composite
mechanical response at such a high temperature. Nevertheless,
at this temperature, the higher mechanical properties of tube/
tube entangled contacts compared to simple contacts are
highlighted by the higher Young’s modulus and the higher
yield strain and stress obtained for the E material.

For temperatures higher than 380 K, DMA results showed
[27] that simple contacts between nanotubes (in FP systems)
lead to the flow of the material and entangled contacts (E
systems) are responsible for the material elastic properties.

3.2. Swelling experiments

To check these assumptions, swelling experiments were
performed on these nanocomposites. Fig. 7 presents the gel
fraction from swelling measurements for all composite
systems. The unfilled matrix is completely dissolved by the
toluene and no residual gel is recovered at the end of the
swelling experiment. Thus a gel fraction G=0 means complete
dissolution of the material. For cellulose filled E composites,
this dissolution becomes partial (G >0) even for small amount
of nanofibrills added. The gel fraction increases with the filler
content. One can observe differences with FP cellulose filled
materials: firstly, the gel fraction is lower than for £ materials;
and with 4 and 6 vol% of cellulose, the FP composites are
disintegrated after swelling whereas for the same cellulose

0.2
o lul -E
Cellulose °
O Cellulose - FP
015 F M MWNTs-E

O MWNTs - FP

= .
-% /O
g o1} /
©
Q
(O]
0.05 |
°
0e L] =) .
0 0.02 0.04 0.06

Fillers volume fraction

Fig. 7. Gel fraction in composite materials as a function of filler content from
swelling measurements. Points marked with an arrow are for disintegrated
samples. The average linear behavior for E (solid line) and FP (dotted line)
cellulose filled materials are represented.

contents the E composites keep their cohesion. Concerning
MWNTs filled composites, all FP materials are completely
dissolved in toluene; while only the 3 vol% reinforced E
composite presents a residual gel fraction after swelling but
with disintegration of the film.

The existence of a non-soluble gel fraction in toluene for
some composites could be related to the presence of a rigid
nanofiller network. Thus, when this network does not exist
(filler content below the percolation threshold in E cellulose
filled composites) or when this network is no strong enough
(FP low content cellulose filled, FP MWNTs filled or E
1.5 vol% MWNTs filled systems), no gel fraction is measured,
that is the reason why the average lines in Fig. 7 does not go
through zero. The fact that this non-soluble gel fraction can be
disintegrated or not after swelling is the result of the cohesion
of this network. Thus, for E cellulose filled composites, the
presence of the rigid network is confirmed. Indeed, the solvent
does not have any effect on the hydrogen bonds of the cellulose
network and the sample is not desintegrated. When less strong
interactions are created between the nanofibrils (FP cellulose
filled composites), the polymer chains can more easily be
disentangled and dissolved by the solvent. However, as
previously assumed, some hydrogen bonds can be created
during the FP process and are responsible for the disintegrated
recovered gel fraction in such systems. In the case of MWNTSs
filled materials, the measured gel fraction in the 3 vol% filled
materials reveals the presence of an entangled nanotube
network. Nevertheless, the poor mechanical properties of this
network (in comparison with the rigid cellulose network) lead
to the disintegration of the film after swelling. In the FP
nanotube filled materials, where such an entangled network
does not exist, interactions between nanotubes surface and
polymer chains are not strong enough to prevent the polymer
dissolution in the solvent.

To conclude, the swelling measurement are in very good
agreement with the scheme previously proposed to explain
tensile test results.

3.3. Cyclic tensile tests

Successive tensile tests were performed at room
temperature at the same strain rate (2X10"%s™ ') as for
the simple tensile tests previously presented. The exper-
iments consisted of loading the material up to a true
deformation &;=0.25 (test with a previous strain of O0).
Then the material is slowly unloaded to a stress equal to 0,
and then relaxed at room temperature during 45 min. This
procedure was repeated three times with increasing ¢; by
steps of 0.25 (test with previous deformation ¢;_;). For each
tensile test the sample is considered as a new sample with
new dimensions, even if a permanent strain remains. The
values of the Young’s modulus, E, measured from these
successive tensile tests for E and FP composites filled with
1.5, 3 and 4 vol% of cellulose are shown in Table 1. No
strong damage in the mechanical properties of the 1.5 vol%
cellulose filled E composite is observed, the modulus
appears constant wathever the previous strain. On the
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Table 1
Evolution of the tensile Young’s modulus (in MPa) with the previous strain for
different cellulose nanofibril contents in nanocomposites either £ or FP

Table 2
Evolution of the tensile Young’s modulus (in MPa) with the previous strain for
different carbon nanotube contents in nanocomposites either E or FP

Process Cellulose content (vol%)  Previous strain
0 0.25 0.5 0.75
E 1.5 2.6 3.1 2.5 2.1
3 17.3 10.8 6.9 6.4
4 39.8 23.5 18.6 11.1
FP 1.5 24 1.9 1.8 1.2
3 2.9 5.0 3.2 3.2
4 11.6 6.6 4.8 4.5

other hand, when 3 and 4 vol% of cellulose nanofibrils are
added in E materials, the modulus strongly decreases with
the previous strain. As supposed before, for these cellulose
contents, a rigid nanofiller network is present within the
composites. Such a network is broken at low strain level,
for a true strain around 0.05, as shown by the slope change
observed in Figs. 3 and 4 for composites containing 3, 4 or
6 vol% of nanofibrils (this value is consistent with the
results of Dufresne et al. [34] who showed that the fracture
of paper sheet made with the same sugar beet nanofibrils
occurs at a strain of 0.1). Thus after the first test, the
cellulose network is damage in E composites, i.e a large
number of hydrogen bonds between fibrils are broken. This
irreversible damage increases with the pre-strain value, and
leads to a lower Young’s modulus. It is interesting to notice
that, for E composites, the last tensile test (pre-strain of
0.75) gives modulus values in the same range of order as
those of FP samples. This means that after the two first
cycles, all strong bonds between nanofibrils are broken, and
then, the E composites behave as the FP composites, i.e.
materials filled with cellulose nanofibrils without strong
links between fibrils. Indeed, for FP systems, no rigid
nanofibril network was expected, as previously highlighted.
Thus, the Young’s moduli are lower as previously observed
in Fig. 3. For low cellulose content, the modulus can be
considered as constant (regards to the variance of the
different samples tested) with the pre-deformation, the
mechanical reinforcement being only due to stress transfer,
no damage of the filler/filler interactions is observed. Only
the modulus of the 4 vol% filled material is significantly
decreased by the pre-deformation. As observed before in
swelling experiments, for high cellulose contents, some
hydrogen bonds between neighbor fibers can certainly be
created even during the FP process. These bonds are mainly
broken after the first pre-deformation as shown by the weak
difference in Young’s modulus for the three last tensile tests
on the 4 vol% cellulose filled FP composites.

For MWNTs filled materials, the same modulus level is
observed between E and FP composites in Table 2. As no
strong interactions are created between carbon nanotubes, the
modulus of the composites is not significantly influenced by the
pre-strain value (the Young’s modulus values are scattered but
can be considered as constant regards to experimental
uncertainties). Moreover, the difference in entanglement rate
previously assumed between E and FP materials does not have

Process MWNT content Previous strain
(vol%)
0 0.25 0.5 0.75
E 1.5 2.1 0.5 1.0 1.2
3 7.8 8.6 8.8 6.3
FP 1.5 1.0 0.7 0.9 0.8
3 4.7 8.1 6.3 5.8

an influence on these results. Indeed, as for monotonic tensile
tests, the nanotube entangled network might not be strong
enough compared to the matrix modulus at room temperature
to have an effect on the composite behavior. One can suppose
that this network can be disentangled for a low applied stress.

3.4. In situ electrical measurements

As carbon nanotubes are good electrical conductive objects,
the Ac electrical conductivity for different frequencies of the
3 vol% MWNTs filled composites was followed during the
tensile test in order to investigate the microstructural evolution
in such materials. In order to measure enough points of
conductivity during the deformation, these experiments were
performed with a deformation rate (initial strain rate of 2.7 X
107%s™ ") slower than that of tensile tests previously
presented. The corresponding stress—strain curves and the
evolution of the real and imaginary parts of the conductivity
with the strain for these coupled measurements are presented
on Fig. 8 for E and FP composites. As already observed in
Fig. 5, almost no difference in mechanical behavior exists
between E and FP composites. For this slow strain rate, the
materials present a yield point for a true strain around 1. Note
that the evolution of the electrical conductivity is calculated by
assuming that the sample volume remains constant during the
deformation. As discussed previously, this assumption does not
modify the results discussion, indeed by calculating the
conductivity evolution with a constant sample cross-section
(i.e. with the assumption of the maximum increase of the
sample volume during stretching), the same conductivity range
and the same evolution with the strain were obtained, only
shifted toward lower strain levels.

First, it can be observed in Fig. 8 that the E composite
remains conductive until a high strain level, e=1.2 (which
corresponds to the yield point of the material as shown in
Fig. 8). Indeed, in this region, the real part of the conductivity is
very high, of an order of magnitude of 20Sm~', and
independent of the frequency. This indicates a resistive
behavior. As previously discussed for frequency dependence
measurements on the unstrained samples [27], this high level of
electrical conductivity combined with a resistive behavior is
related to the presence of a carbon nanotube percolating
network within the matrix; the experimental percolation
threshold was found to be 0.2 vol%. One can observe a small
increase in the real conductivity at the beginning of the
deformation that can be due to a rearrangement of the
nanotubes, which in turn leads to an increase of contact
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nodes between neighboring nanotubes. After reaching a
maximum, the real conductivity slowly decreases with
increasing strain while the imaginary part increases, up to the
yield point of the material. At this deformation level, ., begins
to strongly decrease and becomes dependent on the frequency
whereas ¢! passes through a peak which is indicative of a
damage in the percolating network. Indeed, this peak of o/
corresponds to a maximal capacitive effect in the composite,
the nanotubes are then not in resistive contact any more, but
form capacitances between them. At higher deformation levels,
the material is damaged, i.e. the connective network of
nanotubes responsible for electrical percolation is broken, as

shown by the dielectric behavior of the material in the same
conductivity range of order as the pure P(S-BuA) matrix.
Although their tensile mechanical behavior appeared
similar at room temperature, £ an FP composites display
strong differences in their electrical properties. First, in
Fig. 8(b), one can observe that the unstrained FP composite
present a lower conductivity than the E one with the same
MWNTs content (35Sm~ "' for the E composite versus
0.3Sm™ ! for the FP). Moreover, the unstrained FP composite
has a capacitive behavior, as shown by the small increase of ¢/,
with the frequency, whereas the E composite is completely
resistive. This lower conductivity level obtained for FP
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materials suggests that the freeze—drying process leads to
weaker electrical contacts efficiency between carbon nano-
tubes. This could be the result of a higher residual surfactant
amount in the case of freeze—dried materials. Indeed, the
organization of this surfactant in the film is highly uncertain
[35-38]. One can suppose that a part is dissolved in the
polymer and an other part is adsorbed on nanotubes surface.
The FP process may prevent exudation of surfactant (as occurs
during the slow evaporation) and may lead to a higher amount
of surfactant adsorbed on nanotube surface. This adsorbed
surfactant could strongly modify properties of tube—tube
contacts.

When this 3 vol% of MWNTs filled FP composite is
stretched, o/, rapidly decreases and a very small peak of o7
appears at low deformation. Then, for deformations higher than
0.5, the dielectric behavior of the matrix is found. Moreover, no
increase in conductivity is observed for the first deformation
levels, as for the E composite, which is consistent with the
assumption of less entanglements between nanotubes in the FP
composite. Indeed, the stretching of an entangled nanotube
network will lead to the nanotube rearrangement (increase of
contacts) because of the cooperative effects between entangled
nanotubes. This explain the increase in conductivity observed
at the first stage of deformation in the E material. On the other
hand, when nanotubes are isolated from each other within a soft
polymer matrix, the material stretching will only induce a
nanotube alignment, which would tend to reduce the
conductivity of the sample. This last case corresponds to the
FP material where carbon nanotubes were assumed to be less
entangled.

4. Concluding remarks

The mechanical behavior under large deformation of
poly(styrene-co-butyl acrylate) reinforced by high aspect
ratio flexible nanofibers was studied. By studying two different
types of fibers with two processing routes, E or FP, two main
effects were highlighted: the role of the interactions existing at
contacts between nanofibers and the influence of fiber
entanglements. Different assumptions were made and found
consistent with the experimental results.

A high reinforcement effect is achieved for cellulose filled £
materials, suggesting the presence of a rigid cellulose nanofibril
network, linked by strong hydrogen bonds, within the material.
The formation of such a network is possible only above the
nanofibril percolation threshold (which can be very low as
suggested by the high nanofibrils aspect ratio) but is detectable by
tensile test for cellulose content higher than 1.5 vol%. Beyond
this filler content, the strength of the contacts between nanofibrills
(and thus, the rigidity of the nanofibril network) governs the
composite mechanical behavior. Indeed, an important decrease of
the composite ultimate strain is observed for high cellulose
contents. This network is irreversibly damaged for low strain
level, inducing a strong decrease in the composites mechanical
properties after pre-deformation.

When such strong interactions between fillers are limited by
the processing conditions (FP systems with cellulosic fillers),

the resulting reinforcement effect is less important but no
decrease of the ultimate strain is observed. Indeed, in that case,
composite irreversible damage is not observed after a pre-
deformation. The material behaves as a more classical
composite filled with high aspect ratio fibers isolated from
each other. The mechanical reinforcement is due to stress
transfer from the matrix through the fillers.

With carbon nanotubes as fillers, the role of entanglements
between nanofibers was investigated. Indeed, no strong
interactions are possible between MWNTs. The FP process
was assumed to prevent entanglement formation between
MWNTs to explain experimental differences between E and FP
materials. The soft entangled nanotube network (in E systems)
was found to have an influence on the composite tensile
behavior only at high temperatures. Such a soft network is
efficient for mechanical reinforcement when the polymer
matrix is highly viscous. At room temperature, the mechanical
reinforcement can be modeled by a classical mean field
approach and is equivalent whatever the processing conditions
(i.e. whatever the nanotube entanglement rate).

Nevertheless, for such conductive nanofibers like carbon
nanotubes, an experimental device was developed to follow the
composites Ac electrical properties during the tensile tests. The
electrical conductivity level of conductive fillers/insulating
matrix composites is mainly influenced by the filler/filler contact
properties. The efficiency of the tube/tube electrical contacts was
found to be largely better in £ materials. Moreover, the entangled
structure of E materials brings to a wide deformation range where
the material remains highly conductive. The decrease of the
electrical properties is related to the disentanglement of the
carbon nanotube percolating network. Conversely, for FP
systems where electrical contact properties are weaker and
where less entanglements are created between nanotubes, the
material looses its electrical ‘sensitivity’ for lower deformation
levels, i.e. its electrical properties rapidly decrease (down to those
of the pure matrix) with the strain.
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